We describe four criteria for the selection of alloying elements capable of producing castable, precipitationstrengthened Al alloys with high-temperature stability and strength: these alloying elements must (i) be capable of forming a suitable strengthening phase, (ii) show low solid solubility in Al, (iii) low diffusivity in Al, and (iv) retain the ability for the alloy to be conventionally solidified. With regard to criterion (i), we consider those systems forming Al 3 M trialuminide compounds with a cubic L1 2 crystal structure, which are chemically and structurally analogous to Ni 3 Al in the Ni-based superalloys. Eight elements, clustered in the same region of the periodic table, fulfill criterion (i): the first Group 3 transition metal (Sc), the three Group 4 transition metals (Ti, Zr, Hf) and the four latest lanthanide elements (Er, Tm, Yb, Lu). Based on a review of the existing literature, these elements are assessed in terms of criteria (ii) and (iii), which satisfy the need for a dispersion in Al with slow coarsening kinetics, and criterion (iv), which is discussed based on the binary phase diagrams.
Introduction
Improved strength at elevated temperatures has been a continuing goal in aluminum alloy development for more than three decades (see e. g. [1 -3] or a number of papers in [4] ). Aluminum-based alloys have several characteristics that make them especially attractive for the development of high-temperature, high-strength alloys. As with the Nibased superalloys, the unit cell of Al is face-centered cubic (fcc), whose close-packed structure is more creep resistant than more open crystalline structures. Moreover, Al alloys are naturally oxidation resistant due to an extremely stable passivating protective oxide layer. For weight-sensitive applications, the low density of Al alloys allows for materials with high specific strengths. Finally, Al alloys are considerably more economical than existing high-temperature aerospace (e. g. Ni-and Ti-based) alloys.
Historically, most efforts to develop high-strength, thermally-stable Al alloys have sought alloying elements that exhibit both limited solid solubility and low diffusivity in Al. This approach was originally promoted by Adam [2] who argued, based on diffusion-controlled coarsening theory, that dispersed phases formed from such alloying additions would be resistant to Ostwald ripening. Borne out of these ideas are the rapidly-solidified alloys based on the eutectic Al -Fe system that, to date, represent the most promising high-temperature Al-based alloys. These include the well-known Al -Fe -V -Si alloys developed by Skinner et al. [5 -7] , as well as more complex Al -Fe based systems with ternary and often quaternary additions such as Ce, Ni, Co, Zr, Mo, V [2, 3, 8 -10] . These alloys, however, derive their high-temperature strength from a large volume fraction of stable precipitates that form directly from the melt during rapid solidification.
A conventional ingot metallurgy approach to alloy development offers several benefits, both from performance and economic standpoints. Aluminum alloys compacted from powders produced, for example, by rapid solidification processing (RSP) and mechanical alloying (MA) are prone to brittleness, in part due to residual porosity and the presence of oxides from the original powders. Also, the powder production and subsequent compaction stages negatively impact the commercial competitiveness of these alloys. More importantly, solid-state precipitation during post-solidification aging offers the potential for generating a much finer dispersion of strengthening phases than those formed in the melt.
This review considers the general requirements -and challenges -for developing such a castable, precipitationstrengthened, thermally-stable Al-based alloy. The current work is distinguished from other reviews, most notably by Starke and colleagues [11 -13] , devoted to the intelligent design of high-strength aluminum alloys. This work is concerned less with design, but rather focuses on four broad criteria that a suitable alloying addition to Al must meet. Specifically, we seek alloying additions that are (i) capable of forming a trialuminide strengthening phase, exhibit (ii) low solid solubility and (iii) low diffusivity in Al, and (iv) retain the ability for the alloy to be conventionally solidified.
1.1. General strengthening requirements for high-strength, high-temperature alloys sider what are certainly the most complex and successfully engineered high-temperature alloys developed to datethe Ni-based superalloys. Modern Ni-based superalloys are able to sustain stresses of the order of 150 MPa for thousands of hours, operating at temperatures ca. 0.75T m . This extraordinary creep resistance is achieved primarily by additions of Al to produce ordered Ni 3 Al precipitates (c 0 ), with the L1 2 structure, which are both isomorphous and coherent with the fcc Ni-rich matrix (c). The solubility in Ni of c 0 -producing Al is substantial, thus allowing for very large volume fractions of precipitated c 0 which, in many commercial alloys, exceeds 70 vol.%.
Development of Al alloys by conventional solidification processing is subject to the restriction that appreciable solubility (> 1 at.%) at equilibrium is limited to eight alloying elements -Zn, Ag, Mg, Li, Ga, Ge, Cu, Si (in order of decreasing maximum solubility) -which are situated near Al in the periodic table [14 -17] . This limitation necessarily restricts the equilibrium volume fraction of any precipitated phase (excluding those for the above elements of which only Ag, Mg, Li, and Cu form stable intermetallic compounds with Al) to a value that is less than 1 vol.%, which is one to two orders of magnitude smaller than typically found in Ni-based superalloys.
Precipitation strengthening mechanisms
To appreciate the ramifications of the generally very limited solid solubility of alloying elements in Al (and the concomitantly low volume fraction of the dispersed phase), it is necessary to consider the quantitative effect of precipitate volume fraction on the predicted strengthening increment in precipitation-strengthened alloys. The strengthening produced by the interaction of dislocations with a dispersion of incoherent, inpenetrable particles within a matrix phase was first described by Orowan [18] , and has been reviewed thoroughly (e. g., [19 -24] ). The shear stress required for a dislocation to loop around a precipitate is inversely proportional to the edge-to-edge distance between precipitates, and the increase in yield strength Dr or due to this mechanism is given by [25] :
where M is the Taylor factor for the matrix, G and m are the shear modulus and Poisson ratio of the matrix, b is the magnitude of the Burgers vector, R R is the mean planar precipitate radius (not equal to the mean radius, hRi), and k is an effective inter-precipitate distance, which takes into account the finite size of the precipitates. Both R R and k depend on the distribution of precipitate sizes. For a monodispersed assembly, these parameters are given by [20, 22, 23] :
where f is the precipitate volume fraction. Equations (2) and (3) are also good approximations for polydispersed arrays [23] .
A plot of Orowan stress as a function of precipitate radius for different volume fractions, generated using Eq. (1) , is displayed in Fig. 1 with parameters pertinent to Al: M = 3.06 [26] , b = 0.286 nm [27] , G = 25.4 GPa [27] , and m = 0.345 [26] . Because of the intrinsically low precipitate volume fraction in Al-based alloys, it is critical that these dispersed phases be small (of the order of 10 nm or less) and remain small (resist coarsening) throughout thermal exposure during operation. This requirement does not apply to Ni-based superalloys, given their much higher solubility for different alloying elements, thus allowing for higher volume fractions of the ordered strengthening phase, c 0 . Also, the higher shear modulus of Ni (G = 78.9 GPa [27] ) increases the disparity in Orowan stresses between Ni-based and Al-based alloys.
The strengthening mechanisms are also somewhat different in coarse-grained Ni-and Al-based alloys, as might be anticipated on account of the large disparity in precipitate volume fraction, and in neither system is deformation at elevated temperature governed directly by the Orowan mechanism of dislocation looping. During creep deformation of Ni-based superalloys, dislocations are generally confined to the narrow c channels between the large c 0 precipitates, where complex dislocation networks form and inhibit further dislocation motion [28, 29] . In Al-based precipitation-strengthened alloys, sufficient thermal energy is usually available under creep conditions to allow glissile dislocations to circumvent coherent precipitates by climbing out of their glide plane. The increase in length of the dislocation during the climb process results in a threshold stress (which is linearly proportional to the Orowan stress [30 -32] [33] . These elastic interactions generally result in an optimum precipitate size for creep resistance, whereas dislocation climb predicts that alloys with the smallest precipitates have the greatest threshold stress (since it is proportional to the Orowan stress), provided precipitates are not sheared. Nevertheless, the comparison in Fig. 1 shows the critical need for very fine, and thus very coarsening-resistant, precipitates in Al alloys to compensate for the intrinsically limited volume fraction obtained during conventional casting of these alloys.
Precipitate stability
Ostwald ripening (coarsening) occurs during the latest stages of precipitation and involves the growth of larger precipitates at the expense of smaller ones. The kinetics of this process are controlled by volume diffusion, as solute atoms are transferred through the matrix from the shrinking precipitates to the growing ones, if the evaporation-condensation model obtains. In their classic work on the coarsening of a binary alloy, Lifshitz and Slyozov [34] and Wagner [35] (LSW) showed that the average precipitate size hRi increases with time t according to:
where hRðtÞi is the average precipitate radius at time t, hRðt ¼ 0Þi is the average initial precipitate radius at the onset of coarsening, and k is the rate constant given by [36] :
Here, D is the diffusivity of the rate-controlling solute, r is the precipitate -matrix interfacial free energy, and C e b and C e α are the equilibrium solubilities (assuming a planar interface) of the solute species in the precipitate and matrix phases, respectively. For any creep-resistant alloy, it is essential that the dispersion of precipitates resists coarsening during prolonged exposure at elevated service temperatures. As indicated in Fig. 1 , this requirement is especially imperative for Albased alloys because of the generally limited solubility of most solutes in Al and the concomitant limited volume fractions (f < 0.01) of dispersed phases.
Summary
Based on the behavior of modern Ni-based superalloys, which remain mechanically strong at temperatures exceeding 75 % of their absolute melting temperature, it is conceivable that Al-based alloys could be analogously developed that would be useful to 425°C (0.75 T m ). The creep resistance of Ni-based superalloys is conferred by very large volume fractions of the precipitated Ni 3 Al ordered phase (c 0 ), the L1 2 structure. An effective high-temperature Al alloy should thus exhibit a similar structural constitution, with suitable alloying additions to Al exhibiting the following qualities: (i) Capability of forming strengthening intermetallic phases. As is true for c 0 in the Ni-based systems, a high-temperature Al alloy should contain a large volume fraction of a suitable dispersed phase, which must be thermodynamically stable and difficult to shear by dislocations at the intended service temperature. These precipitated phases should also exhibit a similar crystal structure to, and a low lattice parameter mismatch with, the Al solid solution.
(ii) Low solid solubility in Al. A low equilibrium solid solubility at the intended service temperature is necessary to retard volume diffusion-controlled coarsening (Eq. (5)) and prevent dissolution of the precipitated phases. By the lever rule, limited solid solubility also maximizes the equilibrium volume fraction of the dispersed phase. (iii) Low diffusivity in Al. Limited diffusivity of the solutes in Al should also stifle volume diffusion-controlled coarsening (Eq. (5)), allowing the precipitates to remain effective barriers to dislocation motion at elevated temperatures. (iv) Ability to be conventionally cast. This review is concerned with developing Al alloys via standard ingot metallurgy processing routes, and therefore the alloy must be amenable to conventional casting.
In the following Sections, we systematically evaluate potential alloying additions to Al with respect to each of the above four criteria.
Selection criteria for castable precipitationstrengthened alloys

Capability of forming strengthening intermetallic phases
The first criterion stated requires that any suitable system must have the capability to form a fine dispersion of a secondary strengthening phase. As suggested by Fine et al. [1, 37, 38] , intermetallic compounds formed with Al are the most promising candidates for strengthening phases in ductile, thermally-stable dispersion-strengthened Al-based alloys. While a number of potential Al-rich intermetallics can be used to strengthen Al [39] , trialuminide compounds of the type Al 3 M (where M is an element of the transition metals, lanthanide, or actinide series) have particularly attractive characteristics that include low density (they are nominally 75 % Al on an atomic basis), high specific strength, good thermal stability (they have generally very high melting points), and excellent oxidation resistance (again, mostly due to the high Al content). Moreover, the trialuminides are directly analogous, in terms of chemistry, to the c 0 Ni 3 Al (L1 2 ) ordered precipitates in the Ni-based alloys.
Extending the Ni-based alloy analogy further, it is desirable that these dispersed trialuminide precipitates have the cubic L1 2 structure. The similarity in crystal structure between the matrix and precipitated phases allows for a coherent interface between the two phases which, in turn, maximizes the strengthening efficacy of the dispersed phase (e. g., by allowing for elastic interactions between dislocations and misfitting precipitates). Furthermore, coherency minimizes the surface energy per unit area of the heterophase interface, conferring stability at high temperatures by reducing the driving force for precipitate coarsening; that is, the excess free energy associated with the total interfacial area between the precipitate phase and the matrix.
A review of the published phase diagrams and crystallographic data [40 -42] indicates that a number of alloying additions crystallize to form stable Al 3 M trialuminides, as shown graphically in the periodic table of Fig. 2 . The high-symmetry cubic L1 2 and related tetragonal D0 22 and D0 23 structures are prevalent among the early transition elements (Groups 3 to 5), with other lower-symmetry structures obtained with a few of the transition elements of later groups (Fe, Co, Ni, Re, Ir). Trialuminide intermetallic compounds are even more abundant among the lanthanide (rare earth, RE) elements; with the exception of Eu, all RE elements form thermodynamically stable Al 3 RE compounds. This is also the case for several of the early actinide elements (Th, U, Np, Pu). We note that other metastable Al 3 M trialuminides also exist, e. g. Al 3 Li, which is a potent strengthening phase in aerospace Albased alloys, but they are not discussed further since their metastability does not fulfill the criterion of high-temperature stability. They may, however, find use as ternary (or higher order) alloying additions in Al -M systems exhibiting stable Al 3 M trialuminides.
Trialuminides formed from the transition elements
Of the only seven thermodynamically stable L1 2 trialuminides (Fig. 2) , Al 3 Sc has generated by far the most attention in the scientific literature (see Royset and Ryum [43] Also near to Sc are the Group 4 (Ti, Zr, Hf) and Group 5 (V, Nb, Ta) elements, which crystallize with the body-centered tetragonal D0 22 (or D0 23 for Al 3 Zr) structures. In their monolithic form, these trialuminides have received considerable attention as potential high-strength, high-temperature structural materials, most notably Al 3 Ti since it is the least dense of this class (3.36 g · cm -3 ) [45 -49] . Unfortunately, however, the low-symmetry tetragonal structure makes these phases intrinsically brittle. The D0 22 and D0 23 structures are, however, closely related to the cubic L1 2 structure (Fig. 3) and much effort has concentrated on alloying these binary intermetallics to transform them to the higher-symmetry L1 2 structure, in the hope that the increased number of independent slip systems will improve toughness. For example, Al 3 Ti (D0 22 ) can be transformed to the cubic L1 2 structure by alloying with late fourth-period transition elements such as Cr, Mn, Fe, Co, Ni, Cu, or Zn [47, 50 -60] . Similarly, Li, Cr, Mn, Fe, Ni, and Cu have been added to Al 3 Zr to increase the stability of the cubic L1 2 structure [61 -63] , and Cu and Zn have also been shown to stabilize the L1 2 structure of Al 3 Hf [64] .
Carlsson and Meschter [65] and Xu and Freeman [66, 67] [47, 687] . Since the free energy difference between the equilibrium and metastable structures is so small, one might expect the L1 2 structure of the Group 4 trialuminides (Al 3 Ti, Al 3 Zr, Al 3 Hf) to be readily achievable when precipitated from solid solution. Indeed, the decomposition sequence during aging of supersaturated Al -Ti [69 -74] , Al -Zr [14, 75 -83] , and Al -Hf [84 -92] solid solutions has been reported to occur firstly by the formation of a metastable cubic L1 2 Al 3 M phase, with prolonged exposure (hundreds of hours) at high temperatures (> 450°C) required before this phase transforms to the equilibrium tetragonal Al 3 M structure. Furthermore, single phase L1 2 -structured Group 4 transition metal trialuminides (Al 3 Ti, Al 3 Zr, Al 3 Hf) have been produced through mechanical alloying, which do not transform to their respective equilibrium tetragonal structures until after heating at very high temperatures (485°C, 550°C, and 750°C for Al 3 Ti, Al 3 Zr, and Al 3 Hf, respectively) [93] .
The Group 4 cubic L1 2 trialuminides, while thermodynamically metastable, readily precipitate from supersaturated solid solutions and are kinetically stable at temperatures well in excess of 400°C. These transition elements are also extraordinarily slow diffusers in Al, as discussed below, and therefore show considerable promise as thermally stable secondary phases in precipitation-strengthened, high-temperature Al-based alloys.
Trialuminides formed from elements of the lanthanide series
There is a monotonic decrease in the radius of the rare earth atos across the lanthanide period, and this variation in atomic radius has been shown to influence strongly the stability, structure, and composition of the intermetallic compounds formed in the Al-RE systems [94 -97] . With decreasing RE atomic radius, the structure of the corresponding trialuminide compound exhibits progressively more cubic char- 3 Ti-, and Al 3 Ho-type, respectively) structures in which cubic and hexagonal stacking is mixed. For the smallest radius RE atoms (Z = 68 -71: Er, Tm, Yb, Lu) the cubic L1 2 (Cu 3 Au-type) structure is observed.
The composition of the terminal Al-rich intermetallic phase is also strongly dependent on the atomic radius of the RE addition. On traversing the lanthanide period from Ce (Z = 58) to Lu (Z = 71), there is a transition in the most Al-rich intermetallic phase from Al 11 RE 3 (also referred to as Al 4 RE by some authors), being stable for early elements of the period, to Al 3 RE which is stable for the late lanthanides. According to the published equilibrium phase diagrams [40 -42] , Al 3 RE is the terminal intermetallic compound for the smaller lanthanide elements beyond Sm (Z = 62), inclusive. The trialuminide phases of the early, larger lanthanide series (Ce (Z = 58) to Pm (Z = 61)), therefore, are not in equilibrium with α-Al and hence may be not precipitated during aging.
The point at which this transition in composition of the Al-rich intermetallic phase occurs has been disputed, however [97] . In the Al-Gd system, for example, Al 3 Gd is the equilibrium terminal intermetallic but Savage et al. [97, 98] report the stabilization of Al 4 Gd/Al 11 Gd 3 at high cooling rates during solidification. The existence of a metastable Al 4 Y/Al 11 Y 3 phase has similarly been reported in the as-cast structure of rapidly-solidified Al -Y alloys [99, 100] , even though Al 3 Y is the equilibrium terminal phase.
The transition in trialuminide structure from hexagonal/ orthorhombic to cubic is also rather sensitive to small perturbations. Figure 2 , which displays the equilibrium structures, indicates that thermodynamically stable cubic L1 2 structures are obtained for RE additions of Er (Z = 68) and beyond. Cannon and Hall [95] , however, showed that applied pressure produced a structural transformation toward the more cubic structure in the lanthanide trialuminides, and obtained cubic L1 2 structures for Al 3 Ho and Al 3 Dy through such a pressure-induced polymorphic change. Conversely, impurities of Si may stabilize a non-equilibrium, rhom bohedral (Al 3 Ho-type) structure for Al 3 Er [40, 101] .
Trialuminides formed from elements of the actinide series
We finally consider the trialuminides of the actinide series, of which there are four equilibrium Al 3 M phases (Al 3 Th, Al 3 U, Al 3 Np, Al 3 Pu) as indicated in Fig. 2 . Of particular interest are Al 3 U and Al 3 Np, which form thermodynamically stable cubic L1 2 structures. None of the actinide trialuminides, however, are in terminal equilibrium with their respective α-Al solid solutions [40, 41] , and, therefore cannot be precipitated from α-Al during aging. While actinide metals could be considered as ternary elements to modify other Al 3 M phases, their radioactive nature prevents practical engineering applications.
Lattice parameters of the cubic and tetragonal trialuminide phases
A small lattice parameter mismatch between the precipitate and matrix is essential for minimizing the interfacial free energy driving Ostwald ripening (Eq. (5)) and for maintaining a coherent and coplanar heterophase interface between the two phases [1, 37, 38, 83] . It is therefore useful to compare the lattice parameters, a, among the cubic L1 2 trialuminides in Fig. 2 , as displayed in where a 0 = 4.0496 Å is lattice parameter of Al. Taking into account the mismatch along both the a-and c-axes, the parameter d for the tetragonal phases may be written as [37, 39, 92] :
where n = 2 for D0 22 and n = 4 for D0 23 .
The lattice parameters and corresponding mismatches displayed in Table 1 are published values for the pure binary Al 3 M trialuminides measured at room temperature, which may be modified significantly by alloying or thermal expansion at elevated temperature.
The cubic and tetragonal phases in Table 1 are isostructural, respectively, and so there is generally extensive mutual solubility between them with a concomitant shift in lattice parameter, which is approximately linear with composition assuming Vegard's law obtains. Fine et al., for example, showed that the lattice parameters of both the stable (D0 23 ) and metastable (L1 2 ) Al 3 Zr phases could be reduced by additions of Ti, Hf, or V [83, 109, 110] . The Al -Zr -V system, in particular, was studied extensively [83, 111 -113] , and the reduced lattice parameter mismatch was observed to decrease the rate of Ostwald ripening for both metastable cubic L1 2 and the equilibrium tetragonal D0 23 phases [37] . Similar improvements have been obtained in Al -Sc-based alloys, where partitioning of Zr to Al 3 (Sc 1 -x Zr x ) [114 -116] and Ti to Al 3 (Sc 1 -x Ti x ) [117] has been shown to offer improved stability of the precipitated Al 3 Sc-based trialuminides in dilute alloys compared to binary Al 3 Sc [118] . These and other Group 3 (Y), Group 4 (Ti, Zr, Hf), and Group 5 (V, Nb, Ta) elements reduce the lattice parameter of Al 3 Sc (L1 2 ) [119, 120] , thus reducing the mismatch with Al. As discussed later, these ternary additions to the Al-Zr [83, 111 -113] and Al -Sc [114 -117] alloys are slower diffusers than either Zr or Sc, thus further improving coarsening resistance.
Summary
Trialuminide (Al 3 M-type) intermetallic compounds have many beneficial characteristics including low density, high elastic modulus, high melting points, and are often stable with Al. They are therefore ideal dispersed strengthening phases for high-strength thermally-stable Al-based alloys. The cubic L1 2 -structured trialuminides are especially attractive since these ordered fcc structures are commensurate with Al. While 31 elements form trialuminides when alloyed with Al, as shown in Fig. 2 , only six elementsSc, Er, Tm, Yb, Lu, U, and Np -form thermodynamically stable cubic L1 2 Al 3 M structures. Several metastable L1 2 structures exist, most notably among the Group 4 and Group 5 elements. The Group 4 elements (Ti, Zr, Hf) are especially attractive since the degree of metastability of the cubic L1 2 trialuminide is very slight. Figure 4 shows the published phase diagrams of the Group 3 (Sc, Y, La), Group 4 (Ti, Zr, Hf), and Group 5 (V, Nb, Ta) transition elements alloyed with Al, positioned as they are situated in the periodic table. Many of the arguments we use for considering the capacity for precipitation strengthening (this Section) and also castability (Section 2.4) will be made with reference to features in the equilibrium binary phase diagrams. We discuss the particular features later, but a few patterns in Fig. 4 are worth commenting on now. The Group 3 (Sc, Y, La) elements exhibit terminal eutectics with Al, while the Group 4 (Ti, Zr, Hf) and Group 5 (V, Nb, Ta) are peritectics. Of the eutectic Group 3 elements, Sc is unique in that it exhibits the highest solid solubility and the lowest liquid solubility at the eutectic temperature. The other eutectic-forming elements, Y and La (as well as most of the lanthanides alloyed with Al), exhibit rather high liquid solubility of solute with very little solid solubility, as shown in Figs. 4b and 4c for Al -Y and Al -La, respectively. These features will have a profound influence on the conduciveness of the various systems for development into castable precipitation-strengthened alloys, as we discuss in detail later.
Solid solubility in α (Al)
Requirements for precipitation strengthening
In the interest of precipitation-strengthening, a low solid solubility is desired to maximize the chemical driving force for nucleation and, concomitantly, the equilibrium volume fraction of the precipitated phase. Moreover, according to volume diffusion-controlled coarsening theory (Eq. (5)), limited solid solubility is also favorable for retarding Ostwald ripening of the precipitate dispersion, which is essential for creep resistance. As noted previously, appreciable solubility in Al exists only for eight elements (Zn, Ag, Mg, Li, Ga, Ge, Cu, Si) [14 -17] . We therefore consider solid solubility primarily from the standpoint of a characteristic that maximizes the potential for precipitation strengthening.
The basic requirement for precipitation strengthening, as originally formulated in the seminal work of Merica et al. [124] to explain Wilm's serendipitous discovery of age hardening, is decreasing solute solubility with decreasing temperature. This criterion alone is not very useful since virtually all elements, when alloyed with Al, exhibit this behavior. A more discriminating feature by which to compare various systems, therefore, is to consider the potential for obtaining large volume fractions of dispersed phases which, as discussed in detail by Ryum [125] , scales with the maximum solubility, C max . This is exactly true only for eutectic systems as the liquid solubility of solute in peritectic systems is often the limiting factor for determining the amount of solute that may be quenched into solid solution. This point is discussed in more detail when considering castability.
A large maximum solubility, C max , is also essential for solutionizing the alloys in the single phase α-Al solid solution prior to precipitation aging, which is necessary for achieving a homogenous distribution of supersaturated solute atoms after quenching, as well as a potential supersaturation of vacancies capable of accelerating precipitation. In addition to a large C max , limited solubility at intermediate aging/service temperatures, say 400°C (C 400 ), is favored for driving nucleation as well as retarding Ostwald ripening of the precipitated phase.
Finally, precipitation of an Al 3 M trialuminide from solid solution requires that Al 3 M is the most Al-rich intermetallic compound in the system (that is, Al 3 M exists in equilibrium with the terminal α-Al solid solution). Several of the transition metals (V, Co, La, Ir), the early lanthanides (Ce, Pr, Nd, Pm), and the actinides (Th, U, Np, Pu) all form trialuminides that are not the terminal intermetallic compound, and hence Al 3 M may not be precipitated from solid solution in these systems. Table 2 considers the cubic L1 2 Al 3 M-forming systems in Fig. 2 with respect to the criteria favorable for precipitation strengthening. As indicated, all trialuminides except for Al 3 V, Al 3 U, and Al 3 Np are in equilibrium with α-Al. Unfortunately, few of these elements exhibit appreciable solubility in Al. Moreover, the solid solubility of the RE elements, several of which form thermodynamically stable L1 2 trialuminides, is particularly quite low. This may be readily explained by the substantial size difference between Al and RE atoms [94] .
Small diffusivity in Al
Slow diffusion kinetics are an essential requirement for retention of strength for any alloy subjected to longterm exposure at elevated temperatures. This requirement is espe- cially true for any Al-based system due to the intrinsically low volume fraction of dispersed phases and the concomitant necessity for fine precipitates with exceptional coarsening resistance (Fig. 1) .
From an experimental point-of-view, it is difficult to carry out diffusion experiments in Al. Cited difficulties include the kinetic barrier for diffusion of a radioactive Al isotope through the passiviting oxide layer, the extremely low solid solubility of solutes in Al, and a strong tendency to form intermetallic compounds [128] . As a result, some of the early diffusion data for solutes in Al are unreliable. The advent of readily available radioactive isotopes after 1950, and more recent developments with ion implantation, have mitigated many of these experimental difficulties. Nevertheless, for several elements (e. g., Ti), measurements of impurity diffusion coefficients are still hampered primarily by the unavailability of suitable and inexpensive radioactive isotopes.
In light of these advances in experimental techniques, impurity diffusion in Al (especially that of the transition elements) has received renewed interest in recent years [128 -132] , and we review here the most reliable data, with particular emphasis on the solutes forming cubic L1 2 Al 3 M intermetallics.
Trends in diffusivity among the transition elements
It is fortunate that the transition elements are anomalously slow diffusers in Al, characterized by large activation energies, large pre-exponential factors, and a wide range of variation of diffusivity values as compared with Al self-diffusion. Measured activation energies for tracer diffusion (Q) and pre-exponential factors (D 0 ) for all of the 3d transition elements and other selected 4d-and 5d transition elements are listed in Table 3 . The majority of these data was obtained from two review articles by Mehrer et al. [128, 129] and Fujikawa [130] , which provide the most authoritative theoretical interpretations for transition metal diffusion in Al. Data for some of the diffusing elements were also obtained from a recent review by Du et al. [130] and a somewhat older article by Grammatikakis [131] . Also, the comprehensive Landolt -Börnstein review [132] was utilized.
Data for 3d transition elements and of 4sp non-transition [40] a Based on the published phase diagram in Ref. [42] . The original Refs. [125, 126] for this data, however, did not measure C max . Furthermore, Ref. [40] claims there is no significant solubility of Yb in Al. b No phase diagram available, although presumed to be similar to Al -U [40] . 10 ), and it is evident that valence has a strong influence on both the activation energies and the corresponding diffusivities. This dependence is most obvious in Fig. 6 , where the calculated diffusivity increases with increasing number of d electrons from V to Co by nearly six orders of magnitude at 660°C.
It is well known that attractive or repulsive interactions among vacancies and substitutionally dissolved solute atoms may lead to higher or lower diffusivities of solute atoms compared with the self diffusivity of the solvent atom. This relationship between the vacancy-solute binding free energy and the valence difference between solute and solvent atoms was originally discussed by Lazarus [144] and further elaborated on by LeClaire [146] . While the socalled Lazarus -LeClaire model works well for electropositive impurities in noble metals, it is known (e. g., [147, 148] ) that this model is unsatisfactory for several solvents, including Al. A more accurate theoretical interpretation has been provided by Hoshino et al. [149] , who studied vacancy -solute interactions in Al using ab initio calculations based on local-density-functional theory. These calculations indicate that while 4sp (and 5sp) solute atoms are attracted to the vacancy, the interaction for 3d (and 4d) transition elements is repulsive and exhibits a maximum near the middle of the 3d and 4d rows, which is reasonably consistent with the measured activation energies displayed in Fig. 5 . Rummel et al. [129] summarize these and other theories, and provide the clearest theoretical interpretation of these interactions at present.
Alexander and Slifkin [150] noted that the row of the diffusing species -and hence atomic size -also has an influence on diffusivity. For example, the diffusivities of the Group 11 solutes increases in the sequence Cu, Ag, Au. Nevertheless, Rummel et al. [127] noted that this influence amounts to at most a factor of about 2, and is therefore minor compared to the strong valency effect. Therefore, elements of the same group may be assumed to exhibit similar diffusion kinetics in Al, as evidenced by the data for the homovalent Group 3 (Ti, Zr, Hf) and Group 6 (Cr, Mo, W) solutes in Table 3 , exhibiting a factor of about 20 difference for the diffusivity at 400°C.
Trends in diffusivity among the lanthanide elements
Reported diffusion data for the lanthanide or actinide elements in Al appear to be limited to a study by Murarka and Agarwala [143] , which reports diffusion data for the early lanthanide elements (La, Ce, Pr, Nd, and Sm). These data are presented in Table 4 (Table 3 for La). As indicated, the diffusivities of the lanthanides generally lie between those of the Group 3 (Sc) and Group 4 (Ti, Zr, Hf) elements, as might be expected considering the position of the lanthanides in the periodic table. This intermediate diffusivity of the lanthanides in Al is substantiated by a decomposition study of melt spun Al -Ti, Al -Zr, and Al -Er alloys by Angers et al. [151] . The coarsening rates of the precipitated Al 3 Er (L1 2 ) phases were more rapid than those for Al 3 Ti (L1 2 ) or Al 3 Zr (L1 2 ), most likely due to faster diffusion kinetics. The activation enthalpy for tracer diffusion is very K. E. Knipling high compared to the other elements shown in Fig. 7 , and this unexpected experimental result demands that this experiment be repeated using modern analytical methods. Even more useful would be measurements of diffusivities for the other lanthanide elements.
Summary
The transition elements are anomalously slow diffusers in Al, with diffusivities several orders of magnitude smaller than that for Al self-diffusion. This anomalous behavior is ascribed to repulsive vacancy -solute interactions which, according to experimental evidence (Fig. 5) , reaches a maximum near the Group 5 (V, Nb, Ta) column of the periodic Table 2 is presented in the Arrhenius diagram of Fig. 7 . The diffusion data for the early lanthanides (Ce, Pr, Nd, and Sm) is assumed to be representative of the late lanthanides (Er, Tm, Yb, Lu), which form Al 3 M (L1 2 ) trialuminides.
Ability to be conventionally cast
This review is concerned with developing precipitationstrengthened Al-based alloys produced via conventional ingot metallurgy routes, which requires that any suitable system be amenable to conventional casting. We consider cast- [40] a Based on the published phase diagram in Ref. [42] . The original Refs. [126, 127] for this data, however, did not measure C max . Furthermore, Ref. [40] claims there is no significant solubility of Yb in Al. b No phase diagram available, although presumed to be similar to Al -U [40] . ability only in general terms, primarily with respect to features in the reported binary phase diagrams that the various elements form with Al.
The transition elements, as well as those of the lanthanide and actinide series, form rather complex binary systems when alloyed with Al, in which one or more intermetallic phases occur [15, 17] . In these systems, eutectic phase equilibria generally exists between the liquid, the Al terminal solid solution, and the Al-rich intermetallic phase. The Al -Cu, Al -Ni, and Al -Sc systems are familiar examples. However, α-Al solid solutions are formed via the peritectic reaction between the liquid and the Al-rich intermetallic phase with the Group 4 (Ti, Zr, Hf), Group 5 (V, Nb, Ta), and Group 6 (Cr, Mo, W) transition elements. Details of the reactions are provided in Table 5 for the systems we have considered; that is, those that form cubic (L1 2 ) or related tetragonal (D0 22 or D0 23 ) Al 3 M trialuminide phases.
Peritectic alloys
To appreciate the complications associated with the existence of a peritectic reaction in the phase diagram, consider Fig. 8 which compares the essential differences between eutectic and peritectic systems. These distinctions are enumerated below: 1. The reaction itself. Both eutectic and peritectic reactions represent invariant points (three phases in equilibrium). The eutectic reaction involves decomposition of a single phase liquid into two different solid phases (L → α + b), while the peritectic reaction is the formation of a single solid phase by the reaction of a different solid phase with the liquid (L + b → α). 2. Solidification sequence. In a dilute eutectic system the first solid to form is the solute-poor α solid solution, whereas for a peritectic the first solid to form can be the solute-rich b phase. 3. Reaction temperature. The reaction temperature is less than the melting point of pure solvent in eutectic alloys; for peritectic systems the opposite is true. 4. Liquid-solid partition coefficient. The equilibrium partition coefficient, k 0 , for solidification of the α solid solution is less than unity in a eutectic system, while it is greater than unity in a peritectic system. This parameter dictates the solute distribution in cast alloys and therefore influences precipitation of dispersed phases during post-solidification aging. The key difference -and limitation with regard to castability -of the Al-based peritectic systems compared to the eutectics in Table 5 relates to the solidification sequence. In an alloy of peritectic composition (that is, with composition exceeding C Lp , Fig. 8b) , solidified under equlibrium conditions, the first solid to form is the solute-rich primary (or properitectic) Al 3 M phase. Consequently there is a strong tendency to lose a significant amount of solute to this primary phase when such peritectic alloys are conventionally cast. Moreover, as shown in Fig. 8 , there is a necessary liquidus elevation with solute content in peritectic systems. Thus, in order to melt (completely) a peritectic alloy (that is, form a single-phase liquid) it is necessary to heat (and hold) the melt above this elevated temperature to dissolve completely the primary Al 3 M phase. This increase in melting temperature is significant in the Al-based peritectic systems (e. g., Al -Ti, Al -Zr, Al -Nb) considering the extraordinarily high melting points of the trialuminide phases (1380°C, 1580°C, and 1680°C for Al 3 Ti, Al 3 Zr, and Al 3 Nb, respectively).
For developing a creep-resistant alloy, peritectic systems present an additional challenge due to the potent grain refinement associated with primary Al 3 M precipitation in cast alloys. It is well known [123, 153 -166] that minor additions of the Group 4 (Ti, Zr, Hf), Group 5 (V, Nb, Ta), and Group 6 (Cr, Mo, W) elements may be used to refine the grain structure in cast Al alloys. Though the actual mechanism is disputed [154, 157, 164] , the marked grain refinement is generally attributed to the presence of primary Al 3 M precipitates which act as heterogeneous nuclei during solidification of the melt. To avoid rapid diffusional creep associated with a refined grain structure it is necessary to suppress nucleation of the properitectic Al 3 M phase which, for a given cooling rate, is achieved by reducing the solute content of the alloy [167 -169] . Therefore, the already-limited solid solubility of most alloying elements in Al is further reduced by the necessity to avoid properitectic precipitation in the peritectic systems.
We turn now to the characteristics of the equilibrium phase diagram that are conducive to properitectic suppression. In alloys produced by RSP, the resistance of peri-Z. Metallkd. 97 (2006) 3 B Basic tectic alloys to primary Al 3 M formation has been shown [170, 171] to be related to the undercooling necessary to reach the metastable liquidus of the α-Al solid solution; that is, the temperature difference, at a composition of interest, between the b liquidus and extrapolated α-Al liquidus. While RSP is outside the scope of the present discussion, we may nevertheless invoke similar arguments in evaluating peritectic alloys in terms of conventional castability.
A minimum undercooling for quenching into the metastable α-Al phase field is favored in systems that have a shallow b liquidus and a steep α-Al liquidus. In the six Albased peritectic systems of interest, the peritectic reaction temperatures are only a few degrees above the melting point of pure Al (Fig. 4 , Tab. 5), and so the slopes of the α-Al liquidus curves in these systems are shallow. Therefore, the slope of the b liquidus is the primary influence determining the ease of properitectic suppression. A second approach to minimizing this undercooling (without changing the slope of the b liquidus) is achieved by a general increase in the solubility of b in the liquid -that is, a shift to the right of the liquidus curve.
Castability in peritectic alloys is therefore dictated primarily by the liquid solubility of solute, whereas the propensity for precipitation strengthening, as discussed previously, is determined by the solid solubility; high liquid solubilities being favored for castability and low solid solubilities required for precipitation. These criteria are conveniently expressed in terms of the equilibrium solid -liquid partition coefficient, k 0 , which is the the ratio of the solute composition of the solid and liquid phases in local equilibrium during solidification [172 -174] 2 . Making the usual assumption that both the liquidus and solidus boundaries are straight lines, k 0 is then constant at all temperatures and may be expressed in terms of the solid and liquid compositions at the peritectic temperature:
peritectic alloys exhibit partition coefficients greater than unity (Fig. 8b) , and so maximum liquid solubility and minimum solid solubility is obtained in systems with partition coefficients approaching unity, that is, minimum disparity between liquid and solid solubilities. Figure 9 shows undesirable and desirable features of hypothetical peritectic systems based on the preceding arguments. In Fig. 9a it is apparent that large undercoolings are necessary to obviate the primary b phase when casting peritectic alloys of this type. Moreover, on account of the large disparity in liquid and solid solubilities (k 0 ) 1), it is difficult to achieve a significant supersaturation of solute for post-solidification aging. This reduced driving force for precipitation is exacerbated by a relatively steep α-Al solvus, that is, the solid solubility does not decrease appreciably with temperature.
The hypothetical phase diagram in Fig. 9b exhibits features favorable for conventional solidification processing. By virtue of the large liquid solubility of the b phase, a considerable amount of solute may be added before precipitating primary b during solidification. Furthermore, there is a relatively low solubility of solute at the peritectic reaction temperature (k 0 % 1), which diminishes rapidly with decreasing temperature, providing a maximum supersaturation of solute for precipitation strengthening. It is even conceivable, on account of the large liquid solubility coupled with the very low solid solubility, that nonperitectic compositions (that is, with composition less than the minimum liquid solubility of b [168] ) may provide appreciable precipitation strengthening in a system resembling Fig. 9b . This is most desirable since the possibility of nucleating properitectic b, which is responsible for most of the complications of casting peritectic alloys (loss of solute during solidification and grain refinement) is eliminated.
Finally, the reaction temperature T p in the system of Fig. 9b is much greater than that in Fig. 9a . Not only does this tend to maximize the slope of the α-Al liquidus (desirable for minimizing the undercooling necessary to suppress properitectic b) but, more importantly, such a feature is favorable in any high-temperature alloy since a high reaction temperature extends the temperature range where the reinforced two-phase (α + b) solid is thermodynamically stable. This could, in principle, extend the service temperature of the alloy beyond the melting point of pure Al.
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2 The partition coefficient k 0 is usually defined where the compositions are in wt.%. We report compositions in at.% since, assuming equal molar volumes between Al 3 M and Al (reasonable considering the data in Table 1 ), the supersaturation (in at.%) is a direct measure of the equilibrium volume fraction of precipitated phase. Furthermore, the difference between k 0 defined by compositions in wt.% or at.% is negligible for the dilute concentrations we consider. Fig. 9 . Undesirable (a) and desirable (b) characteristics of peritectic systems, as they relate to the potential for development of castable precipitation-strengthened alloys.
Eutectic alloys
Casting eutectic alloys (of hypoeutectic composition) is considerably less complicated than for peritectic alloys since the first solid to form is the solvent-rich α solid solution (Fig. 8a) . Nevertheless, it is worthwhile commenting on a few features in the eutectic phase diagram as they relate to the potential of a given system for developing highstrength high-temperature alloys.
As in any alloy undergoing dendritic solidification, microsegregation of solute is minimized for solid-liquid partition coefficients, k 0 , approaching unity. In eutectic alloys,
is less than unity since the α-Al liquidus has a greater solubility than the α-Al solidus, Fig. 8a . The disparity in solute solubility is what drives microsegregation, and so systems in which k 0 is near unity are especially amenable to casting, since the degree of microsegregation is small. For high-temperature applications, a eutectic system poses a potential limitation since, by definition, the reaction temperature is less than the melting point of pure Al (Fig. 8a) . In an extreme case, the eutectic reaction temperature could conceivably limit the service temperature of the alloy since its melting point is reduced. Deep Al -M binary eutectic temperatures exist for elements such as Ga and Zn, but not for those forming stable or metastable L1 2 trialuminides (Fig. 4, Table 5 ).
Discussion
Alloying additions with transition elements
As indicated in Table 1 , transition elements that form cubic L1 2 trialuminides are limited to the early elements near Sc in the periodic table (Ti, Zr, Hf, V, Nb, Y), with Al 3 Sc as the only thermodynamically stable L1 2 structure. While a metastable cubic L1 2 Al 3 Y has been reported [44] , this investigation was on highly supersaturated melt spun alloys and precipitation of Al 3 Y (L1 2 ) was observed to commence during solidification. The likelihood of precipitating a similar phase in a conventionally-solidified alloy during postsolidification aging seems unlikely.
The Group 4 (Ti, Zr, Hf) and Group 5 (V, Nb, Ta) elements form metastable cubic L1 2 trialuminides, with the degree of metastability increasing from the former to the latter group (Section 2.1). Therefore, the Group 5 trialuminides such as Al 3 Nb and Al 3 Ta are poor candidates for cubic L1 2 modification. Indeed, as indicated in Table 1 , the existence Al 3 Ta (L1 2 ) is unknown to the authors. This is unfortunate, since both the Al -Nb and Al -Ta peritectic systems (Figs. 4h and 4i , respectively) exhibit favorable characteristics (small k 0 and limited solid solubility, C 400 ) and, considering they are also Group 5 elements, should also be very slow diffusers in Al (Fig. 7) . Furthermore, unlike the Group 4 (Ti, Zr, Hf) elements, reports of precipitation during aging of Al -Nb and Al -Ta alloys are unknown to the authors. Among the transition elements, therefore, only Sc and the neighboring Group 4 (Ti, Zr, Hf) elements seem to offer the most potential for producing a precipitated dispersion of L1 2 precipitates formed during solid-state aging.
Stable L1 2 Sc trialuminide precipitates
Aside from being the only transition element forming a thermodynamically stable cubic L1 2 trialuminide, the AlSc system exhibits other unique features that make it attractive for developing conventionally-cast precipitationstrengthened alloys. As displayed in Fig. 4a and Table 5 , the eutectic Al -Sc system features an exceptionally high reaction temperature (660°C, within 1 K of the melting point of pure Al), with a relatively high solid solubility (0.23 at.% Sc) and comparatively low liquid solubility (0.28 at.% Sc) at the reaction temperature. This similarity in solid and liquid solubilities leads to an equilibrium partition coefficient, k 0 , very near unity (k 0 = 0.82, Table 5 ) which minimizes segregation during solidification and makes this system especially amenable to conventional casting. The extremely high eutectic temperature does not limit the service temperature of Al -Sc alloys for high-temperature applications. In fact, the liquid and solid eutectic solubilities are so close and the reaction temperature so high that the first published phase diagrams for Al -Sc indicated a terminal peritectic reaction like the neighboring Al -Ti, Al -Zr, and Al -Hf systems [43] .
The maximum solid solubility of Sc in Al is relatively large, exceeded for the elements in Table 2 only by Ti and V (and similar to Ta), and it diminishes significantly with decreasing temperature (C 400 = 0.01 at.% Sc, Fig. 4a and Table 2 ), thus maximizing the volume fraction of Al 3 Sc achievable during post-solidification aging. Of the systems in Table 2 , only Al -Ti and Al -Ta exhibit a comparably high decrease in solid solubility with temperature. This fortuitous confluence of desirable characteristics -a stable L1 2 trialuminide, a solvus boundary conducive to precipitation strengthening, eutectic phase equilibria favoring conventional solidification, and a very high eutectic temperaturemakes the Al -Sc system particularly well-suited for developing castable, precipitation-strengthened alloys. Additions of Sc, forming coherent nanoscale Al 3 Sc (L1 2 ) precipitates, provide the highest increment of strengthening (at room temperature) per atomic percent of any alloying element when added to Al [175] . In addition to the marked precipitation-hardening response, these precipitates are also very effective at inhibiting recrystallization and maintaining a fine uniform microstructure in wrought Al alloys [43] .
The potent strengthening from precipitated Al 3 Sc (L1 2 ), the high eutectic temperature, and the relatively low diffusivity of Sc in Al (Fig. 7) indicate that Al-Sc alloys possess significant potential for developing conventionally-solidified creep-resistant Al-based alloys. Indeed, recent studies by Dunand, Seidman, and colleagues have shown conventionally-solidified Al -Sc alloys exhibiting remarkably high coarsening and creep resistance at 300°C [176, 177] , which may be improved with ternary additions of Mg [178 -180] , Zr [114 -116] , and Ti [117] . The latter two elements, together with many other candidates with diffusivities below that of Sc [119] , segregate to the Al 3 Sc phase without changing its L1 2 structure. These Sc substitutions also reduce the relatively high cost of Sc additions.
Metastable L1 2 trialuminides of the Group 4 transition elements
The Group 4 transition elements (Ti, Zr, Hf) are extremely slow diffusers in Al (Fig. 7) , and therefore offer potentially significant improvements in thermal stability compared to Al -Sc alloys. While the L1 2 trialuminides formed from the Group 4 elements are metastable, these are slow to transform to their respective equilibrium tetragonal structures (Section 2.1.1) and therefore seem promising as thermally stable dispersed phases in high-temperature Al-based alloys. The Group 4 elements, however, form peritectics with Al which, as discussed in Section 2.4, introduces significant complications to produce alloys by conventional ingot metallurgy routes. The Al -Ti system (Fig. 4d ) seems especially attractive due to the very sluggish diffusion kinetics of Ti in Al (Fig. 7) . Moreover, of all the systems in Table 2 , Ti has the highest maximum solid solubility in Al (0.79 at.% Ti), suggesting that relatively high volume fractions of precipitated Al 3 Ti may be obtained. The Al -Ti system has, however, a comparatively limited liquid solubility (k 0 = 10.0, Table 5 ). Hence, for alloy compositions approaching the maximum solubility there will be a strong tendency for primary Al 3 Ti precipitation during solidification and so appreciable Ti concentrations are unlikely to remain in solid solution after conventional solidification. Moreover, the solid solubility of Ti is still rather large at appropriate aging temperatures (C 400 = 0.13 at.% Ti), limiting both the chemical driving force for nucleation and the volume fraction of the dispersed phase (if formed). As reviewed by the authors [181] , virtually all precipitation studies for the Al -Ti system have investigated alloys prepared by nonequilibrium means: RSP and MA, techniques which circumvent the difficulties encountered during conventional solidification of Al -Ti alloys.
In the Al -Hf system (Fig. 4f) there is a relatively small disparity between the liquid and solid solubilities at the peritectic temperature (k 0 = 2.38, Table 5 ), implying that alloys with compositions corresponding to the maximum solubility (0.186 at.% Hf, Table 2 ) may be obtained with conventional casting techniques. This solid solubility, however, diminishes only slightly with decreasing temperature (C 400 = 0.130 at.% Hf, Fig. 4f and Table 2 ) which limits the potential for precipitation strengthening. Indeed, in all of the precipitation studies on Al -Hf alloys cited previously [84 -92] , the alloys were generally highly supersaturated and produced by relatively rapid (nonequilibrium) chill casting methods. Ryum [84] , for example, investigated the decomposition of relatively supersaturated 0.27 at.% Hf solid solutions produced by chill casting. Although the cooling rate was not reported in [84] , it is reasonable to believe it was about 3 · 10 3°C s -1 , which was the solidification rate reported by Hori et al. [85, 86, 90, 91] on investigations of chill cast alloys containing up to 0.79 at.% Hf. It was reported [85 -87] that the solid solubility of Hf in Al could be extended to approximately 0.5 at.% Hf at this cooling rate, and such high values of supersaturations, well in excess of the maximum solid solubility, were required to effect continuous precipitation of Al 3 Hf (L1 2 ) [87] , with a pronounced precipitation hardening response in alloys aged at 350 to 450°C [85, 86] . Other studies investigated even more supersaturated alloys (up to 1.0 at.% Hf) obtained by rapid solidification at a rate of approximately 10 7 K s -1 [87, 89, 92] . Unlike Ti and Hf, Zr exhibits negligible solubility in Al at temperatures of interest for post-solidification aging (C 400 < 0.001 at.% Zr, Fig. 4e and Table 2 ). Consequently, even very dilute alloying additions may produce an appreciable precipitation hardening response as shown by Hori et al. [182, 183] , who reported precipitation hardening in alloys containing 0.07 at.% Zr aged at 350 to 450°C. Ichikawa and Ohashi [184] similarly observed a significant age hardening response when dilute chill cast alloys, containing as little as 0.12 at.% Zr, were aged at 300 to 500°C. Furthermore, Nes [78] has reported precipitation of Al 3 Zr (L1 2 ) in very dilute (hypoperitectic, 0.05 at.% Zr) alloys.
Moreover, the role of dilute additions of Zr to commercial wrought alloys as recrystallization inhibitors is well known [77, 185 -188] , where fine (20 to 30 nm) dispersions of coherent Al 3 Zr (L1 2 ) precipitates are used to pin grain and subgrain boundaries during annealing. The Zr concentration required to inhibit recrystallization in conventionally cast commercial alloys is very low, typically 0.03 to 0.06 at.% Zr [188] .
Alloying additions with lanthanide elements
There would seem to exist significant potential for the use of late rare earth elements (Er, Tm, Yb, Lu) in Al, as they form thermodynamically stable L1 2 trialuminides (Fig. 2) , are likely slower diffusers than Sc (Fig. 7) , and, unlike the Group 4 elements, exhibit the preferred eutectic phase equilibrium (Table 5) , which is favorable for conventional ingot metallurgy processing. Indeed, a number of Al -RE systems -Al -La [99, 189 -191] , Al -Ce [192, 193] , Al -Nd [192, 194, 195] , Al -Gd [97, 98, 195, 196] , Al -Sm [98] , and Al -Er [98, 151, 189, 195, 197 -199] , in particularhave received considerable attention for development into dispersion-strengthened alloys for elevated temperature applications. All of these studies, however, investigated highly-supersaturated (sometimes hypereutectic) alloys prepared by RSP. The attraction to the RE elements stems from their generally high solubility in the liquid state, very limited solid solubility, and low solid state diffusivity in Al. The high liquid solubility is conducive to solid solubility extension by RSP, while the very limited solid solubility and small diffusivity retards volume diffusion-controlled coarsening of the dispersed intermetallic phases during thermal exposure.
As in the Al -Fe-based alloys described previously, the strengthening dispersions in these alloys form during solidification, either as lamellar eutectic constituents, as a primary phase in hypereutectic alloys, or are precipitated in the solid state on cooling from solidification. The microstructures in these rapidly-solidified alloys, as monitored by microhardness, are generally stable beyond 300°C [97, 189, 190, 192 -194, 196, 198, 199] , as might be anticipated due to the low diffusivity and solid solubility of the RE elements in Al.
Since the strengthening dispersions form on solidification, precipitation hardening during post solidification aging is generally not observed in these alloys. This lack of hardening is a consequence of the very limited equilibrium solubility of the RE elements in Al (Table 2) , which assures almost complete precipitation of solute on cooling. Even in highly supersaturated Al -La (0.8 at.% La [189, 190] ) and Al -Er (0.7 at.% Er [189, 199] ) alloys produced by RSP, the amount of La and Er retained in solid solution was negligible as indicated by lattice parameter measurements using X-ray diffraction (XRD) of the as-solidified α-Al solid solution.
Solid-state precipitation of Al 3 Er (L1 2 ) has, however, been reported by Angers et al. [151] in extremely supersaturated (hypereutectic) rapidly-solidified Al -Er alloys containing 6.25 at.% Er. Furthermore, a weak indication of additional precipitation hardening (beyond the strengthening provided by the as-solidifed dispersions) was shown in other studies on Al -Er alloys [198] , as well as Al -Gd alloys [97, 196] , but the origin of this hardness increase was not reported.
More support for Al-Er as a promising system capable of precipitation strengthening may be provided by Nie et al. [200 -202] , who indicated that coherent nanoscale Al 3 Er (L1 2 ) dispersions can be potent recrystallization inhibitors in Al alloys, comparable in effect to the more commonlyused Al 3 Zr and Al 3 Sc phases in commercial alloys. Although their experimental techniques were not explicit about this point, micrographs indicate that coherent Al 3 Er precipitates were not precipitated during aging but rather formed during cooling after solidification, similar to what Foley et al. [44] reported for metastable Al 3 Y (L1 2 ) precipitation described previously.
While the Al -RE systems show considerable promise for development by RSP, their conduciveness to conventional solidification is limited. Indeed, the very properties which makes the Al -RE systems attractive for RSP, namely a very high liquid solubility and low solid solubility (in other words k 0 ( 1), limits their potential when these alloys are produced by conventional casting techniques. Because of the very limited solid solubility, a supersaturation of solute is impossible to achieve under moderate cooling rates since there will be a strong driving force for precipitation during cooling, as shown in studies on Al -Er [200, 201] and Al -Y [44] . A partition coefficient deviating far from unity also predicts that these alloys will be prone to significant solute segregation during solidification, as substantiated by Ruder and Eliezer [190, 199] comparing the microstructures of Al -La and Al -Er solidified conventionally and with RSP. Moreover, due to the very limited maximum solid solubility of the RE elements in Al (Table 2), post-solidification homogenization is not possible.
Summary
It is an unfortunate coincidence that the slowest diffusers in Al -that is, the Groups 4 to 6 transition elements -are also the only elements in the periodic table forming terminal peritectics with Al (all other alloying additions exhibit eutectic or monotectic phase equilibria) [15] . The existence of a peritectic reaction in the phase diagram reduces significantly the conduciveness of these systems to conventional casting. It is equally unfortunate that all of the late lanthanide elements, with the possible exception of Yb (see notes in Tabs. 2 and 5), exhibit negligible solid solubility in Al. This severely limits the potential for precipitation strengthening since virtually all available solute is precipitated out of solid solution during post-solidification cooling.
The Group 3 element, Sc, exhibits a unique eutectic phase equilibrium with Al which makes it particularly conducive to developing conventionally-solidified precipitation strengthened alloys. Moreover, Al 3 Sc is a thermodynamically stable L1 2 trialuminide which exists in two-phase equilibrium with Al to the high eutectic temperature of 660°C. Unfortunately, the very high cost of Sc limits its applications. Moreover, compared to the other transition elements, Sc is only a moderately slow diffuser in Al (Fig. 7) .
Of the slower-diffusing peritectic-forming elements which form L1 2 trialuminides (Groups 4 and 5), the Group 4 are strongly favored since the L1 2 structure in these systems is only slightly metastable. Of the Group 4 elements, only Zr exhibits negligible solubility at suitable aging temperatures (Fig. 4) , both maximizing the volume fraction of the precipitated Al 3 Zr phase as well as improving its resistance to coarsening.
Conclusions
This review has summarized basic criteria required for a conventionally-solidified precipitation-strengthened Albased alloy for high-temperature applications: (i) Solid-state precipitation upon aging of coherent trialuminide Al 3 M with the L1 2 crystal structure, to achieve high strengthening and low coarsening; (ii) Shallow α-Al solvus curve, to maximize the volume fraction of precipitated Al 3 M (and thus increase strengthening); and the concomitant low solid solubility at the aging temperature to minimize coarsening; (iii) Low diffusivity of M in Al, to minimize Al 3 M coarsening and the associated loss of strength; (iv) Solid-liquid partition coefficient (k 0 ) near unity, to minimize segregation and accommodate conventional solidification. For peritectic systems, a shallow Al 3 M liquidus boundary is desirable for minimizing the casting temperature and suppressing Al 3 M primary precipitation during solidification. Criterion (i) narrows the potential candidates to only eight elements, all situated near Sc in the periodic table: the first Group 3 element (Sc), the three Group 4 elements (Ti, Zr, Hf) and the four heaviest rare-earth elements (Er, Tm, Yb, Lu). Among these elements, Sc and Zr stand out for the following reasons:
• The Al -Sc system exhibits a unique combination of a shallow solvus curve conducive to precipitation strengthening, an eutectic phase equilibrium favoring conventional solidification, and thermodynamically stable Al 3 Sc with the L1 2 structure. Sc is, however, the fastest diffuser in Al and the priciest of the above eight elements.
• The Al -Zr system is characterized by one of the lowest diffusion rates and lattice parameter mismatch between Al 3 M and Al, as well as price among the eight candidates. The L1 2 structure of Al 3 Zr, however, is metastable. Furthermore, the Al -Zr system is peritectic which limits the concentration of Zr retained in solid solution after conventional solidification, ultimately limiting the strength attainable by precipitation strengthening. Unlike the other Group 4 systems (Al -Ti and Al -Hf), the solid solubility of Zr in Al is negligible and so precipitation strengthening can be obtained in conventionally cast alloys. The steep α-Al solvus, however, limits the possibility of post-solidification homogenization.
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